We have grown single-crystal NaCl-structure ␦-TiN x layers with x ranging from 0.67 to 1.00 on MgO͑001͒ at 700°C by ultra-high-vacuum reactive magnetron sputtering of Ti in mixed Ar/N 2 discharges in order to investigate microstructural evolution and the physical properties of TiN x as a function of the N vacancy concentration. High-resolution x-ray diffraction and transmission electron microscopy results show that all layers grow with a cube-on-cube epitaxial relationship to the substrate, (001) TiN ʈ (001) MgO (001) and TiN 1.00 (001) layers, which were grown at higher N 2 partial pressures, consist of a periodic two-domain ripple structure along the ͗110͘ directions due to kinetic roughening associated with lower cation surface mobilities resulting from higher steady state N coverages. TiN 1.0 (001) layers grown in pure N 2 exhibit growth mounds that are predominantly square with edges aligned along the ͗110͘ directions. The room-temperature resistivity, 13 ⍀ cm with xϭ1.00, increases from 52 ⍀ cm for TiN x (001) layers with xϭ0.92 to 192 ⍀ cm with xϭ0.67, due primarily to increased carrier scattering from N vacancies.
I. INTRODUCTION
Transition-metal ͑TM͒ nitrides are well known for their remarkable physical properties including high hardness and mechanical strength, chemical inertness, high temperature stability, and low resistivity. As a result, they have become technologically important for applications such as hard wearresistant coatings, diffusion barriers, and optical coatings.
NaCl-structure ␦-TiN has received by far the most attention and is now used commercially in all of the above applications. The layers are typically deposited by reactive magnetron sputtering and are generally understoichiometric as the N 2 partial pressure during reactive film growth is minimized in order to achieve deposition rates close to those of pure metal films.
NaCl-structure ␦-TiN x has a wide single-phase field extending from xӍ0.6 to 1.2. 1 Deviation from stoichiometry has been attributed to anion vacancies for xϽ1 and interstitial N atoms for xϾ1. 2 Stoichiometric single-crystal TiN layers with all three low-index orientations have been grown 3 and their physical properties measured. [3] [4] [5] Single-crystal TiN͑001͒, for example, is metallic with a room-temperature resistivity ϭ13 ⍀ cm, 4, 5 a hardness H of Ӎ21 GPa, 3 and a distinctive gold color due to intraband transitions giving rise to a high reflectance in the red and infrared. 6 Activation energies for adatom transport on atomically flat TiN͑001͒ and TiN͑111͒ surfaces have been determined from analyses of two-dimensional island coarsening measurements using in situ scanning tunneling microscopy. 7, 8 In contrast, little is known about the fundamental properties of substoichiometric TiN x layers in spite of their commercial importance. Reported values for TiN x properties can vary over orders of magnitude due primarily to large differences in stoichiometry, microstructure, and purity with, in most cases, the films being poorly characterized. For example, published resistivities range from 25 to 4500 ⍀ cm. [9] [10] [11] For the few cases in which film stoichiometry was measured, values were found to increase with decreasing x from 25-60 ⍀ cm with xϭ1 to 80-100 ⍀ cm with xӍ0.7. 10, 11 In order to provide a basis for comparing and interpreting measured properties of polycrystalline TiN x , we report on the growth, surface morphology, and physical properties of well-characterized single-crystal substoichiometric (x ϭ0.67-0.92) and stoichiometric TiN x (001) layers. The films were grown on MgO͑001͒ at 700°C by ultra-highvacuum ͑UHV͒ reactive magnetron sputter deposition in mixed Ar/N 2 atmospheres as a function of the N 2 fraction f N 2 at a constant total pressure of 20 mTorr. x ranged from 0.67 with f N 2 ϭ0.028 to 0.92 with f N 2 ϭ0.035. Stoichiometric TiN͑001͒ layers were obtained with f N 2 spanning the entire range from 0.040 to 1.000. Relaxed lattice parameters a o , determined from high-resolution ͑HR͒ reciprocal lattice maps ͑RLMs͒, increase linearly with increasing x from 4.226 Å with xϭ0.67 to 4.240 Å with xϭ1. All substoichiometric TiN x (001) layers are fully strained and commensurate with their substrates while stoichiometric TiN͑001͒ layers are fully relaxed at the growth temperature. TiN x (001) surface morphologies evolve from predominantly flat to surfaces with ripple structures elongated along ͗110͘ directions to square growth mounds with edges aligned along ͗110͘ directions with increasing x. increases from 52 ⍀ cm with x ϭ0.92 to 192 ⍀ cm with xϭ0.67 due to increased carrier scattering by anion vacancies.
II. EXPERIMENTAL PROCEDURE
All TiN x (001) layers were grown to a thickness of 0.26 m in a load-locked UHV magnetically unbalanced stainless-steel dc magnetron sputter deposition system described in detail in Refs. 12 and 13. The pressure in the sample introduction chamber was reduced to less than 5ϫ10 Ϫ8 Torr (7ϫ10 Ϫ6 Pa), using a 50 l s Ϫ1 turbomolecular pump ͑TMP͒, prior to initiating substrate exchange into the deposition chamber, which has a base pressure of 5ϫ10 Ϫ10 Torr (7ϫ10 Ϫ8 Pa), achieved using a 500 l s
Ϫ1
TMP. A water-cooled 7.6-cm-diam Ti target with a purity of 99.997% was mounted 6 cm from the substrate holder. Sputter deposition was carried out at a constant current of 0.55 A and a total pressure of 20 mTorr ͑2.67 Pa͒ in mixed Ar ͑99.999% pure͒ and N 2 ͑99.999%͒ atmospheres for which the N 2 fraction f N 2 was varied, in separate experiments, from 0 to 1. During deposition, the pressure was monitored by a capacitance manometer and maintained constant with automatic mass-flow controllers. A pair of external Helmholtz coils with Fe pole pieces were utilized to create a uniform axial magnetic field B ext ϭ60 G in the region between the target and the substrate. B ext has a strong influence on the ion flux incident at the substrate, with only a minor effect on the target atom flux, and provides, as determined by electrostatic probe measurements, 12 an independently adjustable ion-to-metal flux ratio J i /J Ti . In the present film growth experiments, the incident ion energy E i remained constant at 20Ϯ2 eV over the full f N 2 range while J i /J Ti increased continuously from 0.8 with f N 2 ϭ0.025 to 4.0 with f N 2 ϭ1 due primarily to a decreasing film growth rate R( f N 2 ).
The substrates were polished 10ϫ10ϫ0.5 mm MgO͑001͒ wafers, cleaned with successive rinses in ultrasonic baths of trichloroethane, acetone, methanol, and deionized water and blown dry with dry N 2 . The wafers were then mounted on resistively heated Ta platens using Mo clips and inserted into the sample introduction chamber for transport to the growth chamber where they were thermally degassed at 800°C for 1 h, a procedure shown to result in sharp MgO(001)1ϫ1 reflection high-energy electron diffraction patterns. 14 Immediately prior to initiating deposition, the target was sputter etched for 5 min with a shutter shielding the substrate. All TiN layers were grown at T s ϭ700°C, including the contribution due to plasma heating. T s was measured with a pyrometer calibrated by a thermocouple bonded to a dummy TiN-coated MgO substrate. Following deposition, the samples were allowed to cool below 100°C before transferring them to the load-lock chamber, which was then vented with dry N 2 .
The compositions and microstructures of as-deposited samples were determined using a combination of Rutherford backscattering spectrometry ͑RBS͒, x-ray diffraction ͑XRD͒, and atomic force microscopy ͑AFM͒ analyses. The RBS probe beam consisted of 2 MeV He ϩ ions incident at an angle of 22.5°relative to the sample surface normal with the detector set at a 150°scattering angle. The total accumulated ion dose was 100 C. Backscattered spectra were analyzed using the RUMP simulation program, 15 and the uncertainty in reported N/Ti ratios is less than Ϯ0.03.
A high-resolution Philips X-pert MRD diffractometer with a Cu K␣ 1 source (ϭ1.540 597 Å) and a four-crystal Ge͑220͒ monochromator was used for the XRD measurements. A two-crystal Ge͑220͒ analyzer was placed in front of the detector to provide an angular divergence of Ͻ12 arc s with a wavelength spread ⌬/Ӎ7ϫ10
Ϫ5 . Lattice parameters a Ќ along the growth direction, in-plane lattice parameter a ʈ , and residual strains were obtained from HR RLMs around asymmetric 113 reflections. The maps were obtained from a series of -2 scans at different offsets.
Surface morphologies and roughnesses were quantified by AFM using a Digital Instruments Nanoscope II instrument operated in the contact mode. Several 3ϫ3 m 2 areas were scanned on each sample using oxide-sharpened Si 3 N 4 tips with radii of 5-40 nm. Four-point-probe measurements were used to determine room-temperature resistivities .
III. RESULTS AND DISCUSSION

A. Reactive sputter deposition
Initial experiments were carried out to characterize the kinetics of TiN x reactive sputter deposition as a function of the N 2 fraction f N 2 . Figure 1 shows the effects of f N 2 on the target voltage V T , film growth rate R, and resulting layer composition xϭN/Ti. Both V T and x initially increase very rapidly, while R decreases, with increasing f N 2 . Further changes, with f N 2 տ0.04, are less dramatic. The combined results in Fig. 1 can be understood based upon previous models for reactive sputtering. 16, 17 At low f N 2 values, all N 2 added to the discharge is consumed by Ti atoms being deposited at the substrate, as well as throughout the deposition chamber, in a heterogeneous surface-catalyzed reaction to form TiN x . The film composition x varies approximately linearly from xϭ0.53 with f N 2 ϭ0.025 to xϭ1.00 with f N 2 Ӎ0.04, thereafter remaining constant at xϭ1 as f N 2 is increased further to 1.0. Raising f N 2 also results in the Ti target surface becoming increasingly nitrided. Since the secondary electron yield of TiN is less than that of Ti, 16 V T floats up from 260 V with f N 2 ϭ0 to 302 V with f N 2 ϭ0.035 in order to maintain the discharge current constant. Even with the increase in target voltage, the TiN x deposition rate R exhibits a precipitous drop from 467 Å min Ϫ1 with f N 2 ϭ0.025 to 224 Å min Ϫ1 with f N 2 ϭ0.043 as the target surface becomes fully nitrided. This is primarily due to the lower sputtering yield of TiN compared to Ti. 13 The relatively slow increase in V T with f N 2 տ0.04 ͓Fig. 1͑a͔͒ is due primarily to plasma volume ionization processes gradually shifting from being Ar dominated to N 2 dominated. The ionization efficiency decreases as a result of the increasing thermalization of discharge electrons arising from the large cross section for inelastic collisions which excite vibrational modes in N 2 molecules.
18 R continues to decrease, but much more slowly, as f N 2 →1 due to the lower sputtering yield of N 2 ϩ ions resulting from the poorer mass match between N 2 and Ti, compared to Ar and Ti, together with the lower secondary-electron yield and plasma volume ionization efficiency as discussed above. indicate that the films are of high structural quality with a laterally uniform substrate/film interface. We attribute the higher crystalline quality of the substoichiometric layers, compared to the stoichiometric TiN͑001͒ layers for which no interference fringes are obtained, to increased cation surface mobilities during growth under N deficient conditions corresponding to lower N steady-state coverages. From the fringe spacings, we obtain layer thicknesses of 2630 Å for the x ϭ0.67 layer ͓Fig. 2͑a͔͒ and 2590 Å for the xϭ0.82 layer ͓Fig. 2͑b͔͒, in good agreement with values from the deposition rate calibrations.
In-plane and orthogonal x-ray coherence lengths ʈ and Ќ were determined from the widths of the 002 diffracted intensity distributions perpendicular ⌬g Ќ and parallel ⌬g ʈ , respectively, to the diffraction vector ḡ using the relationships
and Ќ ϭ2/͉⌬g ʈ ͉ϭ/͓⌫ 2 cos ͔. ͑2͒
⌫ and ⌫ 2 are the full width at half maximum intensities of the 002 Bragg peak in the and 2 directions. Figure 4 shows that ʈ , a measure of the lateral ͑in-plane͒ film crystalline quality, decreases from 2.2 m for layers with x ϭ0.67 to 0.54m with xϭ0.82 to 0.09 m with xϭ0.92. ʈ (x) then remains approximately constant with further increases in x to 1.00. ( ʈ is also constant as a function of f N 2 for all xϭ1 layers͒. In contrast, Ќ values, determined by finite thickness effects as well as vertical ͑out-of-plane͒ crystalline quality, do not change appreciably as a function of x with values ranging from 0.13 to 0.19 m, which is a significant fraction of the thickness of these layers, Ӎ0.26 m. Thus, TiN 0.67 (001) films exhibit the lowest mosaicity and highest crystalline quality. Comparing ʈ values to reported results for other epitaxial transition-metal nitrides ͓150 Å for ScN͑001͒, 20 210 Å for ␦-TaN͑001͒, 21 and 800 Å for CrN͑001͒ 22 , the x-ray coherence lengths for substoichiometric TiN 0.67 (001) layers are approximately 30-150ϫ larger. We ascribe this, as discussed below, to both a lower film/ substrate lattice mismatch and higher cation surface mobilities resulting from lower steady-state N coverages during growth of substoichiometric TiN x (001) layers.
In-plane a ʈ , out-of-plane a Ќ , and relaxed a o lattice parameters of epitaxial TiN x (001) layers were determined as a function of x from HR-RLM results. Typical HR RLMs about the asymmetric 113 reflection are shown in Fig. 5 for layers with xϭ0.67 and 1.00. Diffracted intensity distributions are plotted as isointensity contours as a function of the reciprocal lattice vectors k ʈ parallel and k Ќ perpendicular to the surface. 23 For the 113 reflection from a 001-oriented NaCl-structure sample, the in-plane and out-of-plane lattice parameters are given by a ʈ ϭ&/k ʈ and a Ќ ϭ3/k Ќ . Lattice parameter values obtained from the HR RLMs in Fig. 5 are a ʈ ϭ4.2099 Å and a Ќ ϭ4.2345 Å for the xϭ0.67 layer with a ʈ ϭ4.2289 Å and a Ќ ϭ4.2458 Å for the xϭ1.00 layer.
The fact that the substrate and layer peaks for the x ϭ0.67 sample ͓Fig. 5͑a͔͒ are aligned along k ʈ to within the instrument detection limit, Ӎ2ϫ10
Ϫ5 , indicates that the film is fully strained. Corresponding measurements for the other samples show that all substoichiometric (xр0.92) TiN x (001) layers are also fully coherent with their MgO͑001͒ substrates. In contrast, substrate and layer peaks in the xϭ1.00 HR RLM ͓Fig. 5͑b͔͒ are misaligned along k ʈ , revealing the presence of in-plane-strain relaxation due to misfit dislocations. The residual strain, ʈ ϭϪ0.26%, of stoichiometric layers can be fully accounted for by differential thermal contraction during sample cooling following deposition at 700°C. The thermal expansion coefficients of TiN and MgO are 9.35ϫ10 Ϫ6 K
Ϫ1
͑Ref. 24͒ and 1.3ϫ10 Ϫ5 K Ϫ1 , 25 resulting in a thermal strain of Ϫ0.27%, which is identical, within experimental uncertainty, to the measured strain. Therefore, stoichiometric layers are fully relaxed at the growth temperature.
There is a dramatic difference between substoichiometric layers that are fully strained with no detectable misfit dislocations and stoichiometric layers that are fully relaxed at the growth temperature. This can be, at least, partially ascribed to the compositional dependence of the film/ substrate lattice mismatch m(x)ϭ͓a o (x)Ϫa MgO ͔/a MgO at T s ϭ700°C. m is 0.43% at xϭ1.00, but decreases with increasing N vacancy concentration to 0.10% at xϭ0.67, thus reducing the driving force for the nucleation of misfit dislocations.
Relaxed bulk TiN x (001) lattice parameters a o were determined from a ʈ and a Ќ values through the relationship
where ϭ0.22 is the TiN Poisson ratio. 26 As shown in 7͑a͔͒ layers are essentially identical. Both are atomically smooth with surface widths w, equivalent to the root-meansquare ͑rms͒ roughness, of 1.5 Å. This is less than the TiN͑001͒ monoatomic step height, 2.12 Å, and very close to the roughness of the MgO͑001͒ substrate, wϭ1.3 Å, for which an atomic-height step is 2.11 Å. w increases rapidly for layers grown with f N 2 у0.032 ranging from 4.43 Å for TiN 0.92 (001) to 7.01 Å for TiN͑001͒ ( f N 2 ϭ0.043 ). Figure 7 also shows that, in addition to w, the surface morphology changes with x. TiN 0.92 (001) and TiN͑001͒ surfaces consist of ripple structures along the ͗110͘ directions with average periodicities of 0.17 and 0.22 m, respectively, and an increasing tendency, at larger x values, for secondary dendritic structures to form along orthogonal ͗110͘ directions. Further increases in f N 2 , while they have no measurable effect on film stoichiometry, which remains constant at xϭ1, continue to strongly affect the surface morphology. w decreases to 4.03 Å for TiN͑001͒ layers grown in pure N 2 ͓Fig. 7͑d͔͒ and the surface exhibits growth mounds, which are predominantly square with edges aligned along the ͗110͘ directions. In addition to the growth mounds, surface slip steps produced by glide of misfit dislocations become apparent in TiN x (001) layers with xϭ1, as shown in Figs. 7͑c͒ and 7͑d͒. This is fully consistent with our HR-RLM results presented above showing that layers with xϭ1 are relaxed, i.e., contain misfit dislocations, while TiN x (001) films with xϭ0.67-0.92 are completely coherent with their substrates due to a smaller lattice constant mismatch. Ripple structures and growth mounds form due to kinetic surface roughening during deposition under conditions of low adatom mobility in the presence of Ehrlich barriers to adatom migration over descending step edges. 28 Their formation is exacerbated during sputter deposition due to the large component of non-normal deposition flux, 29 which results in atomic shadowing and, hence, a reduction in the fraction of flux reaching the valleys between mounds.
The very flat surfaces we obtain with TiN 0.67 (001) and TiN 0.82 (001) layers indicate that they grow under conditions approaching step flow with large cation surface diffusion lengths consistent with their large in-plane x-ray coherence length. Ti diffusion on TiN x (001) surfaces with low steady- state N coverages, which is the case for growth under N-deficient conditions, has a relatively low activation energy, calculated by ab initio density functional methods to be 0.37 eV. 30 Increasing f N 2 during deposition radically reduces the cation surface diffusion length due to the enhanced probability for encountering free N atoms and forming admolecules with much higher diffusion activation energies, 30 resulting in the surface kinetic roughening we observe for layers with x у0.92.
The secondary dendritic structures which form along orthogonal ͗110͘ directions in xу0.82 layers grown with increasing f N 2 are the result of a Bales-Zangwill instability. 31 That is, growth of the substoichiometric TiN x (001) layers proceeds under relatively high adatom mobility conditions, as noted earlier, in which adatom incorporation occurs primarily at step edges ͑rather then via island nucleation͒. This, in turn, results in denuded zones near ascending step edges with corresponding adatom concentration gradients extending out into the adjacent terraces. The surface steps themselves, which are rough on large length scales, are composed locally of low-energy 100 and 010 facets giving rise to alternating outward-facing convex corners and inward concave corners. The convex regions, due to the adatom concentration gradient, grow faster than the concave regions giving rise to the formation of dendritic or finger-like structures along perpendicular 110 directions.
Room-temperature resistivities of TiN x (001) layers are plotted as a function of x in Fig. 8 . increases continuously from 13 ⍀ cm with xϭ1.00 to 190 ⍀ cm with xϭ0.67. The former value is in agreement with previously reported results for stoichiometric TiN͑001͒. 4, 5 As is the case for bulk TiC x and TaC x , 10, 32 we attribute the overall increase in with decreasing x to charge scattering by anion vacancies. (x) exhibits a steeper slope between xϭ0.8 and 1.0 with a more gradual change for xϽ0.8. This can be directly associated with changes in the TiN x band structure, similar to reported results for Ti 1Ϫx Sc x N(001) alloys. 4 The conduction electrons in stoichiometric TiN occupy three bands of which the upper two are degenerate and exhibit a higher curvature corresponding to a lower electron effective mass m* ͑i.e., a higher electron mobility͒. As the N vacancy concentration increases in TiN x , leading to a lowering of the Fermi level, the lower m* bands are depopulated. This gives rise to a rapid decrease in the average electron mobility resulting in the observed steep slope in (x) at xϾ0.8. In contrast, for xϽ0.8, the change in (x) is relatively unaffected by the Fermi level position, as only a single low-mobility conduction band is populated. Consequently, (x) at 0.67ϽxϽ0.8 is primarily determined by electron scattering, which leads to a weaker x dependence in .
IV. CONCLUSIONS
Microstructure, surface morphology, relaxed lattice constants, x-ray coherence lengths, and the resistivity of NaClstructure epitaxial understoichiometric TiN x (001) layers with controlled N concentrations have been determined as a function of x. The films were grown on MgO͑001͒ at 700°C by ultra-high-vacuum reactive sputtering of Ti in mixed Ar/N 2 discharges. Layers with N/Ti ratios x between 0.67 and 1.00 were obtained by varying the N 2 sputtering gas fraction f N 2 between 0.025 and 0.043. Further increases in f N 2 had no affect on layer composition, as the films remained stoichiometric, but strongly influenced film surface morphologies. Growth rates R initially decreased very rapidly with increasing f N 2 due to the corresponding increase in the steady-state N coverage on the Ti target combined with the lower sputtering yield of TiN than Ti. This was mediated slightly by the fact that TiN also has a lower secondary electron yield than Ti, which results in the target voltage floating up in order to maintain the discharge current constant. The target becomes fully poisoned ͑i.e., nitrided͒ at f N 2 Ӎ0.04. Further increases in f N 2 result in R continuing to decrease, but in a much slower manner, due primarily to plasma volume effects: the sputtering yield of N 2 ϩ ions is lower than that of Ar ϩ and the addition of N 2 , with its large cross section for inelastic collisions through the excitation of vibrational modes, tends to thermalize plasma electrons. TiN x (001) layers with compositions spanning the entire equilibrium single-phase compound field were found to exhibit a cube-on-cube epitaxial relationship with the substrate, (001) TiN ʈ (001) MgO and ͓100͔ TiN ʈ ͓100͔ MgO . Relaxed lattice parameters a o decrease linearly from 4.2397 Å with x ϭ1.00 to 4.2256 Å with xϭ0.67, thus reducing the mismatch with the substrate, due to the increased anion vacancy concentration. This, in turn, results in stoichiometric TiN͑001͒ layers being fully relaxed at the growth temperature while layers with compositions 0.67рxр0.92 are fully coherent with the substrate. Correspondingly, the roomtemperature resistivity of TiN x (001) increases approximately linearly from 13 ⍀ cm for stoichiometric layers to 192 ⍀ cm for TiN 0.67 (001), as a result of the increased carrier scattering associated with the N vacancies.
Surface morphologies of TiN x (001) layers vary dramatically as a function of f N 2 due to the resulting changes in the steady state N coverage N at the surface of the growing film. Increases in N decrease the cation surface diffusion length because of the enhanced probability for encountering free N atoms and forming admolecules with lower surface mobilities. This, gives rise to TiN x (001) surface morphologies which vary with increasing f N 2 from being extremely flat ( f N 2 р0.030) with wр1.5 Å to surfaces with rippled structures consisting of growth mounds elongated along ͗110͘-directions ( f N 2 ϭ0.032-0.043) to growth mounds that are predominantly square with edges aligned along ͗110͘ directions in pure N 2 .
